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The microstructural characteristics of A I - C u - L i - M g - Z r  alloys have been studied after rapid 
solidification by melt spinning and after subsequent annealing at temperatures in the range 
160 to 500 ° C, by using a combination of optical microscopy, scanning and transmission elec- 
tron microscopy, X-ray diffraction, differential scanning calorimetry and microhardness 
measurements. The as-melt-spun alloys consist of a cellular microstructure with fine scale 6' 
precipitates and icosahedral particles distributed within the cells and at cell boundaries. The 
icosahedral structure is equivalent to the T 2 phase reported by Hardy and Silcock. Annealing 
the melt-spun alloys leads to a complex precipitation sequence: c~ + I + 6' ~ c~ + I + S' + 
0' --, ~ + I - ,  c~ + 6' + T 1 + T 2 (b c c) + two other phases. The icosahedral particles coarsen 
progressively during annealing, especially at higher annealing temperatures. Fine-scale 6' 
precipitates grow during annealing at low temperature, dissolve at higher annealing tempera- 
tures below 500 ° C, and then reprecipitate during cooling after annealing at 500 ° C. During 
annealing at low temperature, plates of 0' and S' precipitate and then dissolve, providing 
solute atoms for icosahedral particle growth. Stable T1, T2 (b c c) and two other phases 
precipitate after decomposition of the icosahedral particles during annealing at 500 ° C. 

1. Introduction 
Aluminium alloys containing lithium are receiving 
considerable attention as a potential new generation 
of aerospace materials, because of their increased 
moduli and decreased densities compared with other 
alloys in current use [1-3]. At present the position of 
aluminium alloys as the main materials for aerospace 
application is threatened by other advanced materials, 
and aluminium-lithium alloys are considered to be 
the best answer to this threat. If these new alloys can 
be used in existing aircraft designs, then weight 
savings of 10% can be achieved [4]. However, the 
introduction of aluminium-lithium alloys has been 
slowed down by ingot casting difficulties such as the 
loss of lithium during melting, impurity control, and 
segregation [5, 6]. Moreover, there is a serious prob- 
lem of low fracture toughness in the final alloys, 
because dislocation shear of the strengthening recta- 
stable 3' (A13Li) precipitates leads to planar slip and 
strain localization [7, 8]. 

To overcome ingot casting problems, rapid solidifi- 
cation processing can be used to increase the solubility 
of alloying and impurity elements, refine the alloy 
microstructure, and eliminate harmful segregation 
effects [5]. To solve the toughness problem, slip can 
be homogenized by adding precipitate-forming ele- 
ments such as copper and magnesium, and dispersoid- 
forming elements such as zirconium [9]. Among the 
alloys which have been investigated so far, the A1- 
C u - L i - M g - Z r  alloy system has received most atten- 
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tion because of its balanced combination of strength 
and ductility [5, 10, 11]. 

Although some research has been done on 
aluminium-lithium alloys manufactured by ingot 
metallurgy and by rapid solidification followed by 
consolidation, little attention has been given to the 
as-rapidly solidified structure. Thus, the aim of the 
present study was to inve.stigate the microstructural 
characteristics of A1-Cu Li Mg-Zr  alloys after 
rapid solidification by melt spinning, and subsequent 
decomposition behaviour during annealing. 

2. Precipitate phases in 
A I - C u - L i - M g - Z r  alloys 

When an aluminium lithium alloy is quenched from 
the single phase region and subsequently aged, decom- 
position of the supersaturated solid solution occurs by 
continuous precipitation of 3'(A13 Li) throughout the 
matrix [12]. In fact, metastable &' is usually present 
even in the as-quenched condition [13, 14]. The 3' 
phase has a cubic L12 structure [15], and forms 
coherently as spherical particles with a cube/cube 
orientation relationship with the matrix. There is 
some evidence for the existence of G.P. zones as a 
precursor to the formation of 6' [16, 17]. After the 
precipitation ofmetastable 3', subsequent ageing leads 
to the formation of the equilibrium 3 phase which has 
a cubic B32 structure [16]. Heterogeneous precipi- 
tation of ~ occurs preferentially at grain boundaries 
[18], although Noble and Thomson [14] have also 
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observed plate-like 6 in the interiors of grains. The 6 
phase appears to be absent in aluminium-lithium 
alloys containing magnesium [19]. 

The principal phases which can form by reaction of 
aluminium, copper and lithium atoms are probably 
Tl, TB and T2 which were first reported by Hardy and 
Silcock [20] in early work on phase equilibria in alu- 
minium-rich ternary A1-Cu-Li alloys. The T~ phase 
has a hexagonal crystal structure with an approximate 
composition of A12CuLi, and forms as thin hexagonal- 
shaped platelets in ternary A1 Cu-Li  alloys. The T~ 
phase in A1-Cu-Li -Mg alloys is essentially the same 
as in the ternary alloys, although magnesium can 
modify the usual hexagonal plate-like morphology of 
T~ to a rounded lath [10] or diamond shape [19]. The 
TB phase has been reported to have a composition of 
approximately A17. 5 Cu4 Li and a cubic CaF2 structure 
[20]. Silcock [15] has suggested that this phase forms 
from metastable tetragonal 0'(AlzCu ) by replacement 
of aluminium atoms with lithium. The T 2 phase has a 
composition of A16CuLi 3, and has been reported to 
have either a b cc structure isomorphous with 
Mg32(A1, Zn)49 [21], or an icosahedral structure with 
m 3 5 point group symmetry [10, 22, 23]. The icosa- 
hedral phase in A1-Cu-Li and A1-Cu-Li -Mg alloys 
has been observed at grain boundaries in convention- 
ally cast and peak aged or over aged alloys [10, 22-24], 
and has recently been reported in rapidly solidified 
A1-Cu Li Mg [25]. In addition to T~, TB and T2, 
Hardy and Silcock have described a stable R phase 
(A15CuLi3) with a similar composition to T2, in the 
A1-Cu-Li system [20]. 

The existence of metastable T~ and T~ phases as 
precursors of T~ and TB was first suggested by Suzuki 
et al. [26]. According to Rioja and Ludwiczak [27], T~ 
has an orthorhombic structure and grows continuously 
to T~ during annealing. However, Huang and Ardell 
[28, 29] and Cassada et al. [30] have denied the exist- 
ence of the precursor T~ phase. Tetragonal 0'(A12Cu) 
can also form during annealing of A1-Cu-Li alloys 
[11, 15]. Precipitation of S' phase is found during 
ageing of A I - C u - L i - M g  alloys, with an orthorhom- 
bic structure similar to S' in A1-Cu-Mg alloys. The 
stable S phase (A12CuMg) precipitates after longer 
ageing times, with a morphology, structure and orien- 
tation relationship similar to S', but with a slightly 
different lattice parameter [31]. 

3. Experimental details 
3.1. Material 
Three different alloys were used in the present study 
and were prepared by melting and casting high-purity 
metals in a vacum induction furnace under an argon 
gas atmosphere. Nominal alloy compositions (wt %) 
were A1-3Gu-I.5Li-IMg, A1-3Cu-I .hLi- IMg-  
0.1Zr and A1-4Cu-2Li-I.hMg-0.hMn-0.2Si-0.2Fe 
(2024-2Li). Wet chemical analysis of the cast alloys 
gave the results shown in Table I. Each of the different 
alloys was rapidly solidified by remelting under an 
argon gas atmosphere, and then melt spinning on to 
the outer surface of a 150 mm diameter copper wheel, 
using surface speeds of 8, 16 and 24 m sec- ~, with an 
argon gas ejection pressure of 35 to 40 kPa. To ensure 

TABLE ] Chemical analysis of alloy compositions (wt %) 

Cu Li Mg Mn Fe Si Zr 

A1-C~Li-Mg 3.04 1.60 1.09 
A1-C~Li Mg~r 3.06 1.61 1.09 0.11 
2024-2Li 4.04 1.95 1.59 0.54 0.19 0.17 

comparability, results from each alloy were obtained 
from a single run of melt-spun ribbon. To investigate 
the decomposition behaviour of the melt-spun alloys, 
ribbon specimens were sealed in quartz tubes, evacu- 
ated to 10 5 to 10 6torr, backfilled with argon gas, 
and then annealed at temperatures of 160, 250, 300, 
400, 450 and 500°C for times ranging from 45 min to 
100h. The A1-3Cu 1.5Li 1Mg and A1-3Cu 1.hLi- 
1Mg-0.1Zr alloys were investigated at each annealing 
temperature and time, and the 2024-2Li alloy was only 
used to complement results from the other two alloys. 

3.2. Metal lography 
Metallographic examination was performed on longi- 
tudinal cross sections, and on in-plane sections of the 
chilled and unchilled surfaces of the different melt- 
spun alloys. After etching in Keller's reagent, the 
sections were examined in an Olympus BH optical 
microscope and a Jeol 35X scanning electron micro- 
scope (SEM). For examination in a Jeol 100C trans- 
mission electron microscope (TEM), thin foils were 
prepared from the chilled and unchilled ribbon sur- 
faces, by grinding followed by twin jet electropolish- 
ing in a 1 : 3 nitric acid : methanol solution at about 
- 3 0  ° C a n d  15to20V. 

3.3. Hardness measurements  
The results of microhardness measurements were 
obtained from polished in-plane sections of the chilled 
surfaces of as-melt-spun and annealed ribbons in a 
Vickers M41 photoplan optical microscope using a 
pyramid objective indentor at a load of 20 g. 

3.4. X-ray diffraction 
A Phillips PW 1130 X-ray diffractometer was used 
for phase identification, with Cu K~ X-rays at 40 kV 
and 20 mA, a nickel filter and a slow scanning rate 
of 20 -- 1/4°min -~. X-ray diffraction spectra were 
obtained from the chilled surfaces of as-melt-spun and 
annealed ribbons, with silicon powder sprinkled on the 
ribbon surface to calibrate the X-ray peak positions. 

3.5 Differential scanning calorimetry (DSC) 
A Dupont 1090 thermal analyser linked to a Dupont 
910 DSC cell was used for thermal analysis of as-melt- 
spun and annealed ribbons. Individual specimens of 7 
to 8 mg were heated from 100 to 560°C at a rate of 
5°Cmin -l in aluminium containers. After several 
trials, the maximum sampling rate of five data points 
per second was used to trace the fast transition peaks. 

4. Results 
4.1. As-melt-spun ribbons 
4. 1.1. Morphology 
Typical examples of longitudinal cross-sections of the 
as-melt-spun ribbons are shown in Fig. 1. Fine-scale 
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Figure 1 Optical micrographs of longitudinal through-thickness sections of as-melt-spun alloys: (a) 2024-2Li (8 m sec ~), (b), (c), (d) 
A1-3Cu-I.5Li-IMg (8, 16, 24msec ~, respectively). Chilled surface at bottom; unchilled surface at top. 

microstructural regions which did not respond effec- 
tively to etching, were found on the chilled surfaces 
of  the ribbons. These regions were distinguished from 
an etch-sensitive coarser grained structure near the 
unchilled surfaces. The etch-sensitive regions showed 
a columnar structure through the ribbon thickness, 
and sometimes, as shown in Fig. lc, an equiaxed zone 
was also present near the unchilled surface. With 
increasing wheel speed, the region of  fine microstruc- 
ture became wider and more continuous, and the size 
of particles in the etch-sensitive region decreased. 
Typical optical microstructures of in-plane sections of  
chilled and unchilled surfaces are shown in Fig. 2. The 
microstructure of the chilled surfaces consisted of  very 
small crystallites, as shown in Fig. 2a. On the other 
hand, the unchilled surfaces consisted of  a coarser cell 

structure, with particles within the cells and at cell 
boundaries, as shown in Fig. 2b. Cell sizes at the 
chilled and unchilled surfaces were approximately 3 
and 10/~m respectively. 

Fig. 3 shows SEM images of chilled and unchilled 
surfaces of  the 2024-Li ribbon melt spun at wheel 
speeds of  8 and 24 m sec -I . These micrographs were 
obtained by deep etching without polishing, and 
therefore show directly the microstructure of  each 
surface. The unchilled surfaces in Figs 3a and c again 
showed a well-defined cell structure, while the chilled 
surfaces in Figs 3b and d consisted of  very small 
crystallites. In Fig. 3b the small crystalline regions are 
separated by a coarser structure, and this type of  
solidification occurred more frequently at lower wheel 
speeds. Some evidence of this type of  solidification can 

Figure 2 Optical micrographs of in-plane sections of as-melt-spun A~3Cu-1.5Li-lMg (16 m sec ~); (a) chilled surface, (b) unchilled surface. 
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Figure 3 Scanning electron micrographs of as-melt-spun 2024-2Li; (a), (c) unchilled surfaces (8, 24 m sec- :, respectively), (b), (d) chilled 
surfaces (8, 24m sec-:, respectively). 

also be found in the centre of the micrograph in 
Fig. 3d. Cell sizes on both surfaces decreased with 
increasing wheel speed with typical values of approxi- 
mately 7 and 15 #m at 24 and 8 m sec-1, respectively, 
on the unchilled surface. 

4. 1.2. T E M  resu l t s  
Typical TEM microstructures of chilled and unchilled 
regions are shown in Fig. 4. Very small particles of 
< 0.1/~m diameter were found to be dispersed in 
the aluminium solid solution matrix near the chilled 
surfaces, as shown in Fig. 4a. Near the unchilled 
surfaces, however, coarser particles were seen inside 
the cells and at cell boundaries as shown in Fig. 4b. As 
shown in Fig. 5, the particles inside the cells were 

nearly spherical, with a typical mottled appearance, 
and were identified by electron diffraction as having 
an icosahedral structure. Typical five- and two-fold 
symmetry diffraction patterns are shown in Figs 5c 
to e. (The micrographs in Fig. 5 were obtained from a 
section approximately midway between the chilled 
and unchilled surfaces of the ribbon, and all subse- 
quent transmission electron micrographs in this paper 
were taken from equivalent mid-plane sections.) The 
cell boundary particles were also found to have an 
icosahedral structure, as shown by the three-fold sym- 
metry diffraction pattern and dark field image in 
Fig. 6. The ~' phase was also present in the as-melt- 
spun alloy ribbons, as shown in the diffraction pattern 
in Fig. 5b. However, the 6' particles could not be 

Figure 4 Transmission electron micrographs of as-melt-spun A~3Cu-I.5Li-IMg-0.1Zr (8 m sec-~); (a) chilled zone, (b) unchilled zone. 
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Figure 5 Transmission electron micrographs of as-melt-spun A1-3C~I.5Li-IMg-0.1Zr (16 m sec-l); (a) icosahedral particles inside the 
cells, (b) diffraction pattern of ~ matrix showing [001] ~ and 5' zone, (c), (d), (e) typical five-fold symmetry (c) and two-fold symmetry (d, e) 
icosahedral diffraction patterns. 

imaged, because of their small size. All three alloys 
which were investigated contained both icosahedral 
and 3' phases in the as-spun condition. To study the 
effect of  melt-spinning wheel speed on icosahedral 

particle size, particle diameters were measured on 
mid-plane sections of  ribbons manufactured at wheel 
speeds of  8, 16 and 24msec  1 in both A1-3Cu-I .5Li -  
1Mg and A 1 - 3 C u - I . 5 L i - I M g - 0 . 1 Z r  alloys. The 
results are shown in Fig. 7, with typical transmission 
electron micrographs in Fig. 8. As can he seen in 
Figs 7 and 8, the icosahedral particle size showed a 
strong dependence on melt-spinning wheel speed in 
both alloys, decreasing from approximately 0.2 to 
< 0.1/~m as the wheel speed increased from 8 to 
24msec  -1. The as-melt-spun alloy microhardness 
showed a similar strong dependence on melt spinning 

Figure 6 Transmission electron micrographs of as-melt-spun AI 
3Cu-1.5Li-lMg (8 m see ~); (a) BF image of intercellular phase, (b) 
DF image of (a) with three-fold symmetry icosahedral diffraction 
pattern (c). 
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Figure 7 Variation of as-melt-spun icosahedral particle size and 
ribbon hardness as a function of wheel speed: ( ) icosahedral 
particle size ( - - - )  r ibbon hardness. (o)  A1-Cu-Li -Mg-Zr .  (e )  
A1-Cu-Li-Mg.  

wheel speed, increasing from 200 to 250 Hv as the 
wheel speed increased from 8 to 24 m sec -1 , as shown 
in Fig. 7. 

4.2. Heat-treated ribbons 
4.2. 1. TEM results 
Typical microstructural changes during annealing of 
melt-spun A1-3Cu-I.5Li-IMg are shown in Fig. 9. 
No significant difference was found in A I - 3 C ~ 1 . 5 L ~  
1Mg-0.1Zr. As shown in Fig. 9, precipitation during 
annealing took place in a complex way, and the phases 
identified after annealing for different times at the 
different temperatures are summarized in Table II. 

T A B L E  I I  Phases identified by TEM at each stage of anneal- 
ing 

Temperature (° C) Time (h) 

5 100 

160 I, 6' I, 6' 
(0', S' begin to 
form) 

250 I, 0', S' I 
300 I I 
400 I I 
500 I, 6' 6' Ti, T2(bcc),* 

(T~, T2(b c c) two other phases 
begin to form) 

*After annealing for 15 h. 
I = icosahedral phase. 

An interesting point to notice is that the icosahedral 
phase persisted throughout annealing until finally 
decomposing at 500°C. The following paragraphs 
describe the different microstructural changes which 
took place during annealing at each temperature. 

(a) Annealing at 160 ° C. After annealing for 100 h at 
160°C, 6' particles which were unresolvable in the 
as-spun condition grew substantially, as shown by 
the bright- and dark-field images in Figs 10a and b. 
The icosahedral particles also increased in size, while 
retaining a near-spherical shape, as can be seen by 
comparing Figs 9a and 8c. A lithium-depleted zone 
was observed around the icosahedral particles and 
along grain boundaries such as shown in Figs 10a 
and b, indicating that a supply of lithium atoms 
was needed to sustain icosahedral particle growth. It 
was not clear whether a similar lithium-depleted zone 
existed around the icosahedral particles before anneal- 
ing, because a dark-field image equivalent to Fig. 10b 
could not be obtained for the as-spun condition. The 
dark-field image in Fig. 10c clearly shows the typical 
mottled appearance and near-spherical shape of the 
icosahedral particles. As can be seen from Fig. 9a, 
other phases such as 0' and S' were just beginning to 
form after 100 h at 160 ° C. 

(b) Annealing at 250 ° C. The 0' and S' phases were 
observed more clearly after annealing at 250°C for 
5 h, as shown in Fig. 9b. These three phases were 

Figure 8 Variation of as-melt-spun icosahedral particle size as a 
function of wheel speed in A~ 3C u- I , 5L i - IMg;  (a) 24 m sec l, (b) 
16msec -1, (c) 8msec  i. 

1700 



Figure 9 Transmission electron micrographs showing the micro- 
structural changes during annealing in AI 3Cu-l.5Li-lMg 
(8 m sec- l); (a) annealed for 100 h at 160 ° C, (b) 5 h at 250 ° C, (c) 5 h 
at 300 ° C, (d) 5 h at 400 ° C, (e) 5 h at 450 ° C, (f) 2 h at 500 ° C, (g) 15 h 
at 500 ° C. 

identified from their characteristic diffraction patterns 
and corresponding dark-field images, as shown in 
Fig. 11. After annealing for 5 h at 250 ° C, the micro- 
structure contained particles of 0", S', and the icosahe- 
dral phase embedded in a matrix of  aluminium. How- 
ever, the 6' particles had dissolved and there was no 
evidence of  3' spots on any electron diffraction pat- 

terns. After a long annealing time of 100 h at 250 ° C, 
0' and S' precipitates also dissolved, so that only ico- 
sahedral particles remained in the aluminium matrix. 

(c) Annealing at 300 to 450 ° C. During annealing at 
temperatures of  300, 400 and 450 ° C, ~', 0' and S' 
all dissolved, and only the icosahedral particles were 
present, as shown in Figs 9c, d and e. As can be seen 
in Fig. 9, the icosahedral particles continued to grow 
in size during annealing, and changed morphology 
from near-spherical in the as-spun alloy and to vari- 
ous rod and faceted types after annealing above 
250°C. The icosahedral particle size was therefore 
measured as a function of isochronal annealing in 
AI -3Cu- I .5L i - IMg-0 .1Zr ,  and isothermally in both 
A1-3Cu-1.5Li-1 Mg and AI -3Cu- l .5Li -1Mg-0 .15Zr  
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Figure 10 Transmission electron micrographs of 6' and icosahedral 
particles in AI=3Cu-I.5Li-1Mg-0.1Zr annealed for I00 h at 160 ° C; 
(a) bright-field image, (b) dark-field image of &' precipitates, 
(c) dark-field image of an icosahedral particle, (d) diffraction pat- 
tern showing superimposed [114]~, [T 14]~,, and two-fold symmetry 
icosahedral zones. 

at 300 and 400°C. The results in Figs 12 and 13 
showed a growth rate which increased sharply at 
the higher annealing temperatures and longer anneal- 
ing times. Cell-boundary icosahedral particles grew 
particulary rapidly, as shown in Fig. 14. 

(d) Annealing at 500°C. As shown in Fig. 9f, 
icosahedral particles still remained after annealing at 
500°C for 2 h. After annealing for 15 h, however, the 
icosahedral particles dissolved, and the stable T1 and 
T2(bcc ) phases precipitated, as shown in Fig. 9g. 
These two stable phases were identified from their 
characteristic diffraction patterns and corresponding 
bright- and dark-field images, as shown in Fig. 15. In 
addition to TI and T2(bcc), two other phases were 
occasionally seen, which had the characteristic elec- 
tron diffraction patterns and corresponding bright- 
field images shown in Fig. 16. These two phases could 
not be identified unambiguously, but were similar 
to the new phases previously reported by Ball and 
Lagace [32] in A1-Cu-Li-Mg alloys. The 6' phase 
reappeared after annealing at 500 ° C, as can be seen in 
the electron diffraction pattern in Fig. 15a. 

4.2.2.  H a r d n e s s  m e a s u r e m e n t s  
Fig. 17 shows the hardness variation in melt-spun 
AI-3Cu-I .5Li - IMg and A1 3Cu- l . 5L i - lMg-0 .1Zr  
as a function of an isochronal ageing for 5 h. There 
was little difference between two alloys. Hardness 

• o o  • t o  o 

' ,t2o,,,, 
eAt,S" [~1~-] zone 

o ~' [~lLqzone 

(d) • IcosahedraL phase 

remained almost constant up to approximately 
200 ° C, decreased sharply with increasing temperature 
over the range 200 to 400 ° C, and then began to 
increase again above approximately 400°C. After 
annealing at 500 ° C, the alloy hardness reached almost 
the same value as at low temperatures. Fig. 18 shows 
the hardness variation as a function of isothermal 
annealing at temperatures between 160 and 500 ° C. As 
expected from Fig. 17, high levels of  hardness were 
obtained after annealing at 160 and 500 ° C, whereas 
low levels of  hardness were obtained after annealing at 
300 and 400 ° C. 

4.2.3. X-ray diffraction results 
Fig. 19 showstypical X-ray spectra from as-spun and 
annealed ribbons of melt-spun A1-3Cu-I .5Li-IMg. 
As expected from the TEM investigation, most of the 
X-ray peaks were from either the aluminium matrix or 
the icosahedral particles. The intensities and angular 
positions of the icosahedral X-ray peaks remained 
almost constant with heat treatment up to 5 h at 
500 ° C. As shown in Fig. 19e, however, the icosahedral 
phase disappeared after 15 h annealing at 500°C and 
the Tt phase was detected at low intensity. Other 
metastable and stable precipitates were not resolved 
by X-ray diffraction. 
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Figure 1l Transmission electron micrographs of 0', S', T~ precipi- 
tates in AI-3Cu-I.5Li-IMg annealed for 5 h at 250 ° C; (a) dark- 
field image of 0' precipitates with corresponding diffraction pattern 
showing superimposed [001], and [001]0, zones, (b) dark-field 
image of S' precipitates with corresponding diffraction pattern 
showing superimposed [i 12]~ and [101]s. zones. 
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Figure 12 Icosahedral particle coarsening as a function of isoch- 
ronal annealing temperature for 5 h in A1-3Cu-I.5Li-IMg-0.1Zr 
(Smsec-I). 

4.2.4. DSC results 
Typical DSC traces are shown in Fig. 20 as a function 
of heat treatment. In Fig. 20, curves a and b are from 
the AI-3Cu-1.5Li-1 Mg-0 .1Zr  alloy, whereas c, d and 
e are from the AI 3Cu- l . 5L i - lMg  alloy. Both alloys 
again showed similar behaviour. Interestingly, DSC 
traces from specimens annealed at 500 ° C were similar 
to traces from as-melt-spun specimen. A total of three 
endothermic and three exothermic peaks were present 
in the DSC traces as numbered in Fig. 20a. 

The two endothermic peaks 1 and 2 appeared at 120 
to 160°C and 180 to 240°C, respectively, in DSC 
traces from as-melt-spun ribbons. Peaks 1 and 2 
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Figure 13 Icosahedral particle coarsening as a function of isothermal annealing time at (e) 300 and (o) 400 ° C: (a) AI-3Cu-I.5Li-1Mg, (b) 
AN3Cu-1.5Li-1 Mg-0.1Zr (8msec-'). 

disappeared in specimens annealed at temperatures 
below 500 ° C, and reappeared in specimens annealed 
at 500 ° C. Peaks 1 and 2 corresponded to the dissol- 
ution of G.P. zones and 6'. G.P. zones were not 
detected in the present TEM study, but the existence 
of G.P. zones in conventionally cast a luminium- 
lithium alloys has been suggested previously [16, 17]. 
Dissolution of 5' was found by TEM to take place 
after annealing for 5 h at 250 ° C, as shown in Fig. 9b, 
so the present TEM and DSC results both indicate a 
5' solvus of approximately 250 ° C, in good agreement 
with previous reports [16]. 

The two exothermic peaks 3 and 4 appeared at 240 
to 280°C and 300 to 340 °C, respectively, in DSC 
traces from as-melt-spun ribbons. Peaks 3 and 4 dis- 
appeared in specimens annealed at 300 to 400 ° C, and 
reappeared in specimens annealed at 500 ° C. Peaks 3 
and 4 were related to precipitation and dissolution of 
0' and S'. As shown in Figs 9b and 11, TEM obser- 
vations showed that these phases precipitated exten- 
sively after short annealing times at 250 ° C, and then 
dissolved after longer annealing times at the same 
temperature. 

The origin of the exothermic peak 5 at 400 to 450 ° C 
was not clear. TEM observations showed icosahedral 
particle growth at temperatures above 300 ° C, and 
peak 5 perhaps corresponded to this icosahedral 
coarsening reaction. Thus, this peak was present in 
as-melt-spun and low-temperature annealed ribbons 
(Figs 20a and b), but not present after annealing 

above 400°C (Figs 20d and e) when most of the 
icosahedral phase particles had either coarsened 
(Fig. 20d) or decomposed (Fig. 20e). 

The very sharp endothermic peak 6 at 530°C 
almost certainly corresponded to the onset of melting. 
During relatively rapid heating in the DSC, melting 
presumably began before precipitation of equilibrium 
phases such as T, and T2(bcc ). 

5. Discussion 
5.1.  A s - r a p i d l y  s o l i d i f i e d  a l l o y s  
5. 1.1. Grain structure and segregation 
As shown in Figs 1 to 3, the microstructures of as- 
melt-spun ribbons of A 1 -Cu -L i -Mg -Zr  alloys consist 
of columnar through-thickness cells, which increase 
in size from the chilled to the unchilled surface. Longi- 
tudinal cross sections in Fig. 1 show an etch-sensitive 
region near the unchilled surface, and a non etch- 
sensitive region near the chilled surface. The relative 
proportions of  these two regions is determined by 
melt-spinning wheel speed, with the non-etch-sensitive 
fine chill zone becoming wider and more continuous 
with increasing wheel speed. At lower wheel speeds, a 
coarser microstructure is also found at the chilled 
surface, because of poor  contact regions between the 
solidifying alloy and wheel surface. During melt spin- 
ning, solidification begins at each contact point with 
the wheel surface, forming the fine-scale non-etching 
microstructure in Fig. 1, but separated by a coarser 
dendritic microstructure [3 3] such as shown in Fig. 3b. 
Fig. lc shows an equiaxed zone near the unchilled 
ribbon surface, which is not seen in other ribbons, and 
is probably caused by inclusions which can act as 
nuclei for equiaxed grains during the later stages of 
solidification. 

Figure 14 Transmission electron micrograph of intercellular 
icosahedral phase in A1-3Cu-1.5Li-lMg-0.1Zr after annealing for 
20 h at 400 ° C. 
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5. 1.2. 5" a n d  i cosahedra l  p h a s e  
Since Schechtman et al. [34] first found icosahedral 
point symmetry in rapidly solidified AI-10 to 14 at % 
Mn alloys, there have been many other reports of 
icosahedral phases in A1-Mn and other alloy systems. 
In the present study, icosahedral particles form very 
extensively in rapidly solidified A 1 -Cu -L i -Mg -Zr  
alloys. The icosahedral particles are found within 
the solidification cells as well as at cell boundaries, 
and probably form as a second-phase solidification 
reaction. The icosahedral particles have a characteris- 
tic mottled appearance, similar to that found 



• o ~ 0  o • " 

- , . , , ,   oo, ] ;,0?0,;A00, o i o  o w.oj, o / ~ v  ~" 

• o ._~., o e ( O 2 0 ) , f  eAl,g'[OO1Jzm~ • • (000)  • 

o 1o~(~u°U-~o~,,.o ~" o~" [O01]zone . . . . . .  T2(bcc ) ~ ~ ~ ~-,,, _ ) - -  
• o • o e ( 1 1 0 3 T l o ~ , T l [ 1 2 1 1 ] z o n e  (b) [O01]zone 
(a l  

Figure 15 Transmission electron micrographs o fT  l and T2(bcc ) stable precipitates in A1-3C~I.5Li-IMg annealed for 15 h at 500° C; (a) 
d-ark-field image of T l with corresponding diffraction pattern showing superimposed [0 0 1]~, [0 0 1]~, and [i 21 1]T 1 zones, (b) bright-fiel 
image of T2(b c c) with corresponding diffraction pattern showing [0 0 I]T 2 zone. 

previously in other alloy systems, but are nearly 
spherical in shape unlike the dendritic icosahedral 
particles in AI-Mn [35]. 

The T2 phase has been reported to have either a b c c 
structure isomorphous with Mg32(Zn, A1)49 [21], or an 
icosahedral structure with m 3 3 point group symm- 
etry [10, 22, 23]. The present study shows that both of  

these T z structures can form in melt-spun A l - C u - L i -  
Mg-Zr.  Table III shows Hardy and Silcock's diffrac- 
tion results from T 2 [20], as indexed by Marcus and 
Elser [36J, together with the present X-ray results 
from the annealed icosahedral particles. The similar 
wave vectors and diffraction intensities in Table III 
confirm Marcus and Elser's suggestion that the T 2 

Figure 16 Transmission electron micrographs and corresponding electron diffraction patterns of precipitate particles: (a) in AI-3Cu 1.5Li- 
lMg after annealing for 15h at 500°C, (b) in 2024-2Li after annealing for 5h at 500°C. 
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T A B L E I I I Comparison of X-ray data 

This study* Hardy and Silcock [20] 

q (nm- ' ) Intensity q (nm- 1 ) Intensity 

Marcus and Elser [36] 
Indexing 

10.631 
14.819 

26.104 39 26.624 
27.965 100 27.925 

31.260 
31.645 79 31.894 
32.491 62 32.725 
$ 38.312 
45.108 51 45.073 

48.407 
52.886 35 52.711 

w (11 oooo) 
S (110001)  
M (211111)  
S (210012)  
s t 
MS (2200 1 2) 
MW (3 1 1 1 1 1) 
W (321012)  
S (320023)  
W (421 122) 
MW (421123)  

(431013)  

* Data from the ribbon annealed at 400°C for 
? Peak corresponds to Al(2 0 0) peak [36].  
{ Peak seems to be overlapped with Si peak. 

lOOh. 

phase reported by Hardy and Silcock has an ico- 
sahedral structure. The icosahedral particles therefore 
have a composition of approximately A16CuLi3, and 
from Fig. 19, a quasi lattice parameter of 0.504 nm in 
good agreement with Cassada et al. (0.510nm) [23] 
and Marcus and Elser (0.502 nm) [36]. In addition to 
the icosahedral T2 phase particles, after annealing at 
500 ° C, melt-spun A1-Cu-Li-Mg-Zr alloys contain a 
precipitate with the T2(bcc) structure isomorphous 
with Mgn(A1, Zn)49, as shown in Fig. 15. 

As shown in Fig. 5, very fine scale 6' precipitate 
particles were found to co-exist with the icosahedral 
particles in as-melt-spun A1-Cu-Li Mg-Zr alloys. As 
mentioned above, 6' is reported to precipitate during 
solid state quenching from the single-phase region 
[13, 14], and the present results show that 6' can 
precipitate even during rapid solidification. 

5. 1.3. Effect of  whee l  speed  
Microstructural variables such as cell size, icosahedral 
particle size, and proportion of fine non-etching chill 
zone, show a strong dependence on melt-spinning 
wheel speed. The as-spun hardness also increases with 
increasing wheel speed, and this is because of the 
decreasing cell and grain size rather than the decreas- 
ing icosahedral particle size, because the annealing 
studies in Figs 17 and 18 show that icosahedral par- 
ticles have no significant effect on hardness. 

( H v )  

200 

1513 

100 

I 1 

I i I , I ~ I 
100 200 300 ~-00 500 

(*C) 

Figure 17 Variation of hardness in melt-spun alloys as a function of 
isochronal annealing for 5 h. (e)  A ~ C u - L ~ M g - Z r ,  (O) A ~ C u -  
Li-Mg. 
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5.2. Precipitation and decomposition 
behaviour with annealing 

The precipitation behaviour in rapidly solidified A1- 
Cu-Li-Mg-Zr alloys follows a complex sequence, 
which can be expressed overall as follows: 

e + I + 5 ' ~ + I +  S ' + 0 ' ~ e + I  

~ + 5' + T, + T2(bcc) + two other phases 

5.2. 1. G.P. zones and 5' 
The 5' phase precipitates on a very fine scale during 
rapid solidification, grows during annealing at 160 ° C, 
and then dissolves during annealing at 250 ° C. When 
all other metastable precipitate phases are taken into 
solution during annealing at 500 ° C, 5' reprecipitates 
during cooling from the annealing temperature. This 
is shown clearly in the TEM and DSC results in Figs 
15 and 20. Because of 5' precipitation, hardness after 
annealing at 500°C is as high as in the as-spun alloys 
(Figs 17 and 18). Dissolution of 6' particles provides 
solute atoms for growth of the icosahedral particles. 
It has been reported that addition of zirconium to 
lithium-containing aluminium alloys leads to precipi- 
tation of 6' around coherent metastable A13 Zr disper- 
soid particles [37, 38]. In the present study, however, 
there was no evidence of A13(Li, Zr) precipitation, 
in agreement with previous observations of rapidly 
solidified A1-Li-Zr alloys [39]. The present DSC 
results suggest the existence of G.P. zones, although 
G.P. zones were not detected by the TEM study of the 
alloy microstructure. As with the 6' phase, G.P. zones 
precipitate during rapid solidification, dissolve above 
200 ° C, and re-precipitate during cooling after anneal- 
ing at 500 ° C. 

5.2.2. O" and S'phases 
Both the TEM and DSC results in Figs 9 and 20, are 
in good agreement, showing that the 0' and S' phases 
precipitate and then decompose over the temperature 
ranges 240 to 280°C and 300 to 340 ° C, respectively. 
Dissolution of 0' and S' provides solute atoms for 
growth of the icosahedral particles. 
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Figure 18 Variation of hardness as a function of isothermal annealing: (a) melt-spun A1 3Cu 1.5Li 1Mg alloy, (b) melt-spun A1 3Cu 1.5Li- 
lMg alloy (8msec-~). (~) 160°C, (e) 300°C, (~) 400°C, (o) 500°C. 

5.2.3.  I c o s a h e d r a l  p h a s e  
During annealing of rapidly solidified A I - C u - L i  
Mg Zr alloys, as-spun spherical icosahedral particles 
grow at a considerable rate as shown in Figs 12 and 
13, and at the same time the icosahedral particle 
morphology changes to various rod and faceted 
forms. From the TEM and X-ray diffraction results, 
icosahedral particles are stable at 500 ° C for less than 
15 h. In the AI -Mn  system, icosahedral particles are 
stable up to 400°C and then transform to A1Mn6 
[40]. In other words, icosahedral particles in A I - C u -  
L i - M g ~ r  are more stable than in AI-Mn.  

5.2.4. Variation of hardness 
The hardness of  rapidly solidified A1-Cu L i - M g - Z r  
alloys is influenced mainly by the presence of fine scale 
6'. Fig. 17 can be divided into four regions. Icosahed- 
ral and 6' particles are present in region 1, which 
shows the highest level of  hardness. In region 2, meta- 
stable 0' and S' have precipitated and exist together 
with the icosahedral particles. However, the hardness 
decreases as 6' dissolves. Only the icosahedral par- 

(a) At A[ At 

Si 

(b} 

k ~ _ L ~ J  ~ ~__ . . . .  

(c) (220) (200) (111) 

~ ) ~  t ~ . _ ~  ~ '  [~ 211111) 

Figure 19 Typical X-ray spectra from melt-spun A1 3Cu 1.5Li- 
1Mg ribbons (8 m sec -1): (a) as-melt-spun, (b) after annealing for 
100h at 160°C, (c) 100h at 400°C, (d) 5h at 500°C, (e) 15h at 
500 ° C. 

ticles are present in region 3, and there is a low hard- 
ness, showing that the icosahedral particles have no 
significant contribution to alloy hardening. Finally 
in region 4, the hardness increases again because of  
re-precipitation of 6'. 

5.2.5. Equilibrium phases 
Stable T~ and T 2 (b c c) precipitate after decomposition 
of the icosahedral phase, together with two other 
phases, shown in Fig. 16. Ball and Lagace [32] have 
reported new stable phases in over-aged A1-Cu-L i -  
Mg alloys, similar to the precipitates in Fig. 16, and 
Kim et al. [41] have also reported an unidentified 
grain-boundary precipitate in rapidly solidified AI -  
L i - C u - M g  alloy. 

6.  C o n c l u s i o n s  
1. A1-Cu-Li  M g - Z r  alloys rapidly solidified by 

melt spinning show a columnar through-thickness, 

2 ¢ 

~ (a) 
f 

Exo. ~ (b) 

Endo. 

(el 

(d/ 

(e) 

16,0 220 280 340 ¢00 460 520(% I 

Figure 20 Typical DSC traces from melt-spun A] 3Cu-l.5Li lMg- 
0.1Zr (a, b) and Ai-3Cu 1.5Li-lMg (c, d, e): (a) as-melt-spun, (b) 
after annealing for 100h at 160°C, (c) 15h at 300°C, (d) 50h at 
400 ° C, (e) 15 h at 500 ° C. 
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cellular structure with second-phase particles distrib- 
uted within the cells and at cell boundaries. The cell 
size and second-phase particle size both increase from 
the chilled to the unchilled melt-spun ribbon surface. 
These microstructural variables as well as the ribbon 
microhardness show a strong dependence on melt- 
spinning wheel speed. 

2. The second-phase particles within cells and at cell 
boundaries have an icosahedral structure equivalent 
to the T 2 phase first reported by Hardy and Silcock 
[20]. The icosahedral particles exhibit a characteristic 
mottled appearance and are nearly spherical in shape. 
The icosahedral particle size decreases with increasing 
wheel speed. 

3. Annealing of rapidly solidified A1-Cu-Li-Mg- 
Zr alloys leads to a complex precipitation sequence 
which can be summarized as follows: 

~ + I + 6 ' ~ c ~ + I +  S ' +  0 ' ~ + I  

a + 6' + TI + T2(bcc) + two other phases 

4. The icosahedral particles coarsen progressively 
during annealing, especially at the higher annealing 
temperatures, until dissolving after approximately 5 h 
at 500 ° C. 

5. Fine-scale 6' precipitates during melt spinning, 
grows during annealing at low temperature, and then 
dissolves at higher annealing temperatures below 
500 ° C. However, 6' re-precipitates during cooling after 
annealing at 500 ° C. Because of 6' re-precipitation 
during cooling, the hardness of melt-spun ribbons 
after annealing at 500°C is as high as in the as-spun 
alloys. 

6. During annealing at the lower temperatures, 0' 
and S' precipitate and then dissolve, providing solute 
atoms for icosahedral particle growth. 

7. Stable T~, T2 (b c c) and two other phases precipi- 
tate after decomposition of the icosahedral particles 
during annealing at 500 ° C. 

8. The microhardness of rapidly solidified A1-Cu- 
Li-Mg-Zr alloys is influenced mainly by fine-scale 6', 
while the icosahedral particles have no significant 
effect. 
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